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Abstract

High manganese steels are emerging as promising structural materials for cryogenic
applications due to their low production cost and great potential in achieving excellent
strength-ductility combinations. Micro-alloying serves as a desirable method in tailoring
stacking fault energy (SFE) of the steels and thus tailoring the mechanical performance. In
this study, we investigated the dedicate role of Cu addition played on the mechanical and
microstructural responses of high manganese steels at the low-temperature range (293, 173,
and 77 K) via in situ neutron diffraction and microscope characterizations. The addition of
Iwt.%Cu to the steel not only effectively improved the yield strength (YS) and elongation
but also increased the SFE thus postponing the martensite formation. For both high Mn
steels, as deformation temperature decreased, the tensile strength was increased linearly,
the formation of stacking faults and dislocation was promoted, and the SFE almost linearly
decreased with a slope of about 0.06 mJm-K™!. The contributions to YS and flow stress
from lattice friction, grain boundary, dislocation, deformation twins, and phase
transformation were determined based on neutron diffraction results and previously
validated models. The work revealed the critical role of Cu addition in tailoring the SFE of
TWIP steels and the resulting deformation mechanisms, paving the way in adapting new

high manganese steels for cryogenic applications.
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1. Introduction

High-Mn (15-30 wt.%) steels are exhibiting ever-growing importance as structural
materials in multiple cryogenic applications from liquid natural gas storage/transmission
to superconducting magnets due to their excellent strength-ductility balance, desirable
strength/weight ratio [1], and lower cost compared to other austenite steels [2], and 9 % Ni
steels [3]. Recently, more prominent strengthening effects and excellent strength-ductility
combinations of high Mn steels in a low-temperature range were reported [4—6]. The
superior mechanical performance of high-Mn steels originates from their ability to
synergistically activate multiple strengthening mechanisms, including dislocation motions,
TWinning-Induced-Plasticity (TWIP), and TRansformation-Induced-Plasticity (TRIP)
effects. The TWIP effect can be achieved by introducing dense strain-induced twin
boundaries (TBs) to impede dislocation motion, while the TRIP effect can be activated
when the parent austenitic face-centered cubic (FCC) austenite is transferred into
martensite with hexagonal close-packed (HCP)/body-centered tetragonal (BCT) structure
under strain [7]. The dominant deformation mechanism of the high-Mn steels is strongly
dependent on their inherent stacking fault energy (SFE) [8-10], which is defined as the
excess energy required to dissociate perfect dislocations and separate partial dislocations
infinitely. The decrease of SFE can lead to the shifting of the dominant deformation
mechanism: from dislocation motion (SFE > 45 mJm?) to TWIP (45 mJm?> SFE > 18
mJm) and TRIP (SFE < 18 mIm™) [5,9].

SFE decreases as the deformation temperatures drops [4,5,11], which is closely related
with the mechanical performance. The high SFE at high temperatures can limit the strain
hardening effect due to the inability to activate multiple deformation mechanisms [5,12].
While SFE when dropped to too low at low temperatures (e.g. SFE < 18 mJm? with TRIP
effect), sometimes, can be detrimental to the mechanical performance, e.g., yield strength
(YS) and ductility [11,13,14]. Wang et al. [14] indicated that the abundance of strain-

induced martensite phases can reduce the YS due to the imposed pre-yield transformation
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stress. Saeed-Akbari [13] showed that when SFE dropped from 35 mJm™ to ~0 mJm™, the
elongation to fracture of high Mn steels was significantly decreased from 0.28 to 0.08.
Notably, there is also a need to avoid the formation of ferromagnetic martensite phases
during loading, particularly for applications in superconducting magnets. Therefore,
precisely controlling the SFE to a desirable range is critical in tailoring the strengthening
mechanisms and designing the mechanical performance for specific working conditions,
e.g., cryogenic applications. This requires the combination of effective SFE-adjusting
methods and accurate SFE measurement. /n situ neutron diffraction coupled with tensile
testing at cryogenic temperatures, which can be used to accurately depict SFE evolution as
a function of temperature [11,15], is a powerful tool to study the relationship between

mechanical responses and deformation mechanisms of high Mn steels [4].

Recently, Cu alloying is emerging as a low-cost and high effective method to adjust the
SFE of TWIP steels [16—-20]. Dumay et al. [10] indicated that the SFE of the high-Mn steel
can be increased by 1.52 mJm™ for 1 wt.% of Cu addition. The effects of Cu on mechanical
performance, however, are still under debate. Gonzalez et al. [21] found out that the
uniform elongation of an austenite stainless steel is improved and the martensite formation
is suppressed by Cu addition. Lee et al. [17] indicated that the addition of Cu has almost
no influence on the YS of the Fe-Mn-C-Al steel, while the kinetics of twin formation was
suppressed and the ultimate tensile strength (UTS) was decreased. Peng et al. [18] showed
that the YS of Fe-20Mn-1.3C increased from 470 MPa to 538 MPa after adding 3 wt.% Cu
due to the solid solution strengthening. Kim et al. [20] indicated that 1 wt.% of Cu addition
can improve the YS of Fe-22Mn-0.45C-1Al steel at 293 and 77 K but decrease the UTS
slightly. Choi et al. [22] found out that both YS and UTS can be decreased with increasing
Cu content. Therefore, it is important to further shed a light on the effects of Cu on SFE,
deformation mechanisms, and mechanical behaviors, especially in cryogenic conditions

where the effects of Cu addition [22] have rarely been explored.

Herein, we investigated the deformation mechanisms and mechanical properties of two
high Mn steels with different Cu concentrations (Fe-24Mn-4Cr-0.5C and Fe-24Mn-4Cr-
0.5C-1Cu, weight percent and hereafter) at low temperatures (293, 173, and 77 K). The in

situ neutron diffraction and tensile tests were performed to track the microstructure
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evolution and mechanical responses during deformation. The neutron diffraction spectra
analysis allowed us not only to determine key materials parameters, e.g., lattice parameter,
elastic moduli, single-crystal elastic constants, and SFE as a function of temperature, but
also to observe the evolution of multiple microstructural features during straining, such as
lattice strain, stacking fault probability (SFP), and dislocation density. Meanwhile, post-
mortem TEM characterization was performed on the fractured samples to observe the
deformed microstructures. The strengthening contributions from different resources,
including grain boundaries, dislocations, twins, and martensite phases were then calculated
and compared. Based on these results, the effects of Cu addition on SFE, deformation
mechanisms, and mechanical performance at the low-temperature range were then

discussed in detail.

2. Materials and methods

2.1 Materials processing

Two high-Mn steels with different Cu concentrations, Fe-24Mn-4Cr-0.5C and Fe-24Mn-
4Cr-1Cu-0.5C wt.% steels (marked as 0-Cu and 1-Cu steels, respectively), were provided
by Baowu steel company. High purity metals (purity > 99.9%) were melted to cast ingots
by vacuum induction melting and casting. The cast ingot was cut into a dimension of 120

mm (thickness) x 180 mm (width) x 240 mm (length). After homogenization treatment at

1473 K for 48 h, the ingot was hot rolled at 1200 K to a thickness of 17 mm (~86% of

reduction) via 7 passes, followed by cooling down to room temperature by water quenching.

2.2 In situ neutron diffraction

In situ time-of-flight neutron diffraction and tensile tests were performed at the beamline
of ENGIN-X, ISIS spallation neutron source, the Rutherford Appleton Laboratory, UK.
The schematical illustration of the in situ neutron diffraction experiments can be seen in
Ref. [4]. Before reaching the tensile bars, the incident neutron beam with a continuous
range of speed was modified by the moderator and slits (with a size of 4 x 4 mm?). Two

signal detector banks (tensile and side) were mounted perpendicularly to the incident beam,
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collecting the diffracted neutrons from crystallographic planes subjected to tensile and
compressive stress, respectively. The size of the diffracted neutron beams was defined by
the two collimators, deciding the scattering gauge volume of 4 x 4 x 4 mm?®. Dog-bone
tensile bars with a gauge volume of ® 8 x 32 mm? (see details at Ref. [4]) as well as an
Instron stress rig were mounted 45° to the incident beam. Tensile tests were carried out
with a strain rate of 9 x 10* s™! in a high-vacuum (< 10 Pa) chamber equipped with built-
in heaters and a liquid helium circulation system to perform cryogenic deformation. The
high-vacuum and low-temperature environments were stabilized for 30 mins before
straining. The tensile tests were paused for the sequential signal collection, which
consumes 20 mins between tensile loading intervals. An extensometer was used to measure
the strain. Before tensile tests, a standard CeO: sample was used to calibrate the

experimental geometry and subtract the instrumental broadening effect.

The single peak-fitting was performed with pseudo-Voigt function allowing the
determination of peak intensity, full width at half maximum (FWHM), peak position, and
lattice parameter (a). The Rietveld refinement was performed on the TOPAS software

(Coelho Software, Australia) was used to determine fraction of different phases formed

exp

during tensile testing. The lattice strain (¢,;; ) is defined as the change of the spacing

distance of a given crystallographic plane in response to external stress. It then can be
determined with:

0
exp __ dhkl — dhkl

i = 4° (1)
hki

, where d), and d,,, is the inter-planar distance of {hkl} grain plane without stress and

under different stress conditions, respectively. The approaches we used to calculate the
stacking fault probability (SFP), stacking fault energy (SFE), and dislocation density can
be found in Ref. [4].

2.3 SFE prediction based on thermodynamics

The SFE of the two steels were explored with both experimental measurement based on
neutron diffraction (see details at Refs. [4,11]) and theoretical calculations (based on

thermodynamics).



The thermodynamic modeling approach of calculating the SFE was first proposed by Olson
and Cohen [23]. Formed by the dissociation of perfect dislocations, the stacking faults can
disrupt the normal sequence of the {111} plane. Therefore, this model treats the stacking
faults as a thin layer of HCP plate separating the normal stacking matrix into two parts.

The ideal SFE can then be expressed with [23]:

SFE =2pAG’™* + 20, )

Y€ :

, where p is the molar surface density along {111} planes, AG’"”*is the molar Gibbs energy

of the phase transformation (¥ — &), and ¢ = 5 mJm™ is the interfacial energy per unit

area of phase boundary as its value is generally taken between 5 and 15 mJm™ for transition
metals [24]. The molar surface density p can be calculated with the lattice parameter @ and

Avogadro’s constant N:

41 .
P BN 3)
In this model, the steels were assumed to be in a regular solid solution state, the

substitutional atoms were at the lattice sites while interstitial atoms locate at the octahedral
site of the FCC and HCP lattice. AG”“in Eq. (11) includes the chemical contribution of

all substitution elements to Gibbs free energy of y — & phase transformation (AG/. .’ ),

the contribution of interstitial carbon (AG},,, , ), and atom magnetic contribution of

Gibbs free energy ( AG; *) originating from the Néel transition (paramagnetic to

antiferromagnetic) [9]:

AG™™ = AG ¢ + XAGLamyic +AGL “4)

mg 2

in which g, is the molar fraction of each alloying element.

According to Ref. [5], the chemical contribution AG7,,; . and the contribution from carbon

additionAG},,, ., can be calculated with:

AGI};;}\);nX = ZF@AG;:(S + ZMnAGZ}\//[;)g + ZCrAGé/‘:)g + ZCMAG(};:S + /{CAGg%g

—€ —¢ - —e (5)
ZFeZMnAQ;eMn + ZFEZCFAQ;?CF + ZFeZCuAQ;eCu + ZFeZCAQQeC



AGLY o= %(1 — e e ) -17.175y,,, (6)

C

The magnetic contribution to the Gibbs free energy change AG] **was calculated with

AGT¢ = G;g — G,Zg, (7

mg

where G, (¢ =y,¢) is represented by

AG,, =RTIn(1+B") f*(c®),u=y,& (8)
where R is the gas constant, T is the temperature, 5 is the magnetic moment of the phase
¢ divided by the Bohr magneton us, and f®(z”)is a polynomial function of the scaled
Néel temperature z* = T / T}, of phase ¢ [25]. The magnetic moment of the y phase was

determined with the simple mixing rule of the magnetic moment of each element:

B = XpPre+ X = XePor = XreXstnBrewn = XcPe> )]
in which fre=0.7, pun=0.62, fc=0.8, fremn=0.64, and fc=4 [10,25] are empirical values for
the pure elements’ magnetic moments. The magnetic moments of the martensite phase ¢

can be calculated with the following equation [10]:

B° = 2P — XcPe (10)
The magnetic transition temperature of each phase Ty, was calculated with empirical

expressions in Refs. [26]:
Ty, =251.71+681y,, =272y, —1740y. (11)
T]\iéel = 58();(Mn (12)

According to Ref. [27], the term /*(z®) in Eq. (8) can be expressed with the following

-1 3 9 15
O R Tt (Y || AR [/, WP
140p 497\ p 6 135 600

-5 -15 =25
B . D (r>1
10 315 1500

equation:

@)= (13)




where p = 0.28 and D = 2.342456517 for FCC and HCP phases [28].

Table 1 Numerical values and functions used for thermodynamical calculations
Parameter Functions [J-mol™!] Ref.

AGL ~224338+4309T  [9]
AGY,” ~1000.00+1.1237  [9]
AGL* —-1370.00—-10T [29]
AGE, 600+0.2T [30]
AGE™ ~22166 [30]
ALY, 283+ TN T( g = ) [31]
AQL 2095 [32]
AQc, 7506 [10]
AL 42500 [25]

2.4 Post-mortem microstructure characterization

The as-received samples were metallographically polished before the microscopic
characterization. The electron backscatter diffraction (EBSD) was performed on an HKL
EBSD detector based on a field emission gun scanning electron microscope (FEI Sirion
200), which was set to a voltage of 20 kV, current of 25 nA, and step size of 0.5 um. The
EBSD data analysis was performed with HKL Channel 5 software, during which the
misorientation angles less than 2° were ignored to avoid ambiguity. The samples for
microscope observation were sectioned from the fractured sample with electrical discharge
machining. For the transmission electron microscope (TEM) and scanning TEM (STEM)
observation, thin foils were mechanically polished to a thickness of ~60 um before the
twin-jet electropolishing with a current of 150 mA in a solution of 5% perchloric acid and
95% methanol after cooling down to -30°C. The bright-field TEM observation was carried
out on a Technai G2 F30 microscope with an accelerate voltage of 300 kV. The high-
resolution TEM images (HRTEM) and atomic-resolution high-angle annular dark-field
STEM (HAADF-STEM) images were collected on an aberration-corrected Titan 60-300
microscope. The collection half-angle of the HAADF detector ranging from 60 to 290 mrad

was used, with the convergence half-angle of 21.4 mrad, giving a probe size of ~1.2 A.



3. Results

3.1 Microstructure of the as-fabricated steels

The as-fabricated 0-Cu and 1-Cu steel shared very similar microstructure thus only the
images of the 0-Cu steel were presented here. Fig. 1a shows the typical EBSD inverse pole
figure (IPF) of the virgin 0-Cu steel. Most of the grains were large equiaxed grains after
the hot rolling. The mean grain size of 14.5+1.3 um was determined by the line-intercept
method excluding twin boundaries (TBs). The low-angle grain boundaries (LAGBs, 2° <
0 < 15°), high-angle grain boundaries (HAGBs, 15° <), and £3{111} TBs of Fig. 1a were
marked and overlapped with the band contrast map in Fig. 1b. The LAGBs have a relatively
low fraction of 13.8% accompanied by 86.2% of HAGBs. Fig. 1b shows the high density
of £3{111} annealing TBs, which contributed to the high fraction of HAGBs at around 60°
(Fig. 1¢). In addition to the TBs, the grain misorientation distribution followed a pattern of
random misorientation distribution (Fig. 1c). A typical bright-field TEM image is shown
in Fig.1d, showing that the microstructure consists of dense-dislocation and dislocation-
free zones. The dislocation cells and dislocation entanglements can be observed in the
dense dislocation zone. The dislocation free zone mainly consists of equiaxed
recrystallized grains and parallel-sided annealing twins, which initialized from the grain
boundaries and expanded into the grain interior. The {100}, {110}, and {111} pole figures
of the as-fabricated 0-Cu steel were shown in Fig. 1d, revealing an almost random texture
with a maximum peak intensity of 2.77 multiples of random distribution (MRD) in the

{111} pole figure.
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Fig. 1 Initial microstructure of the 0-Cu steel: (a) EBSD inverse pole figure (IPF) map, (b) Band
contrast map overlapped with boundaries map, (c) sample and random misorientation, (d) typical
bright-field TEM image. RD, TD, and ND denote the rolling, transverse, and normal direction,
respectively. MRD denotes the multiples of random distribution.

{100}

MRD

3.2 Tensile properties

The engineering stress-strain curves of the 0-Cu and 1-Cu steels deformed at 293, 173, and
77 K were shown in Fig. 2a and 2b, respectively. The mechanical properties of the 0-Cu,
0.5-Cu (Fe-24Mn-4Cr-0.5Cu-0.5C, from Ref. [4]), and 1-Cu steel were compared in Fig.
2c. At 293 K the YS and UTS of the 0-Cu steel were 336 MPa and 930 MPa, respectively
(Table. 2). As the deformation temperature decreased, both YS and UTS witnessed a
substantial and almost linear increase to 700 MPa and 1361 MPa, respectively. The
ductility, however, decreased linearly from an ultrahigh value of 104% at 293 K to 68% at
77 K. The mechanical property of the 0.5-Cu and 1-Cu steel showed very similar
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temperature dependence. The Cu addition witness a steady increase in Y'S as the 1-Cu steel
showed higher YS (~100 MPa) but slightly lower UTS (less than 50 MPa) than the 0-Cu
steel at all three temperatures. Besides, the uniform elongation of the 1-Cu steel was

maintained at a very high level (~0.65) at the low-temperature range.

Defined as the derivative of true stress v.s. true strain, d O'/ dg , the strain hardening rate

(SHR) of the two steels during deforming at different temperatures are plotted as a function
of true stress in Fig. 2¢ (0-Cu) and 2d (1-Cu), respectively. For the 0-Cu steel, the SHR
curves at the three deformation temperatures shared a similar pattern and they can be
categorized into three stages (separated with dash lines in Fig. 2¢). Initially, the SHR curve
dropped rapidly (Stage I), followed by a stable period during which the SHR increased
slightly (Stage II), indicating the emergence of new and steady strengthening effects. At
the last stage (Stage I1I), the SHR curve dropped again until fracture. The SHR curves of
the 1-Cu steel (Fig. 2d) are also temperature-dependent and can also be divided into three
stages. At 293 K, the SHR curve kept decreasing during straining, but the dropping rate
varied with stages. When decreasing temperature to 173 and 77 K, the strengthening effects
were improved significantly and both SHR curves show an increasing trend at Stage II

while gradually decrease during the following Stage III.

Table 2 Mechanical properties of the steels at different temperatures

Steels 0-Cu 0.5-Cu 1-Cu
Temperature [K] 293 173 77 293 173 77 293 173 77
YS [MPa] 336 539 700 442 625 760 457 643 793
UTS [MPa] 930 1159 1361 918 1107 1312 876 1115 1323
Uniform elongation [%] 84 72 68 72 54 56 63 70 64
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Fig. 2 Mechanical performance of the two high Mn steels at 293, 173, and 77 K: engineering
stress strain curves of the (a) 0-Cu and (b) 1-Cu alloy, respectively. (¢) The evolution of
mechanical properties with deformation temperature.
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3.3 In situ neutron diffraction spectra

Fig. 4 shows the in situ neutron diffraction patterns (tensile direction) of the two steels
collected during tensile tests at different temperatures. The two steels maintained a single
FCC structure as they are cooled down to cryogenic temperatures as only five diffraction
peaks of FCC phase were identified. During deformation, the FCC structure of both steels
was stable at 293 K as no other peaks appeared. While deforming the 0-Cu steel at 77 K, a
new diffraction peak appeared after yield point and its intensity grew stronger with

straining (marked with a green line in Fig. 4b). This peak was identified as the (1011)

peak of the HCP phase [4]. This indicates the low temperature reduced the stability of the
original FCC phases and strain-induced phase transformation from FCC to HCP occurred.
A similar phenomenon was observed when deforming the 1-Cu steel at 77 K, but the new

peak has a very weak peak intensity, indicating that a trace amount of the newborn HCP

phases was produced.
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Fig. 4 In situ neutron diffraction spectra of the two TWIP steels during tensile testing at different
temperatures: (a) 0-Cu, 293 K; (b) 0-Cu 77 K; (c) 1-Cu, 293 K; (d) 1-Cu, 77 K.

The macroscopic and Akl-specific elastic moduli were measured by analyzing the neutron
diffraction patterns. The macroscopic Young’s modulus (£) was determined by linear
fitting the applied stress as a function of true strain at the elastic stage. The lattice
parameters of the two steels are very close (3.615 A for 0-Cu and 3.616 A for 1-Cu) and
they both decreased almost linearly with the decrease of temperature (Table. 3). With the
increase of true stress, the lattice parameter obtained from tensile and side signals increased
and decreased almost linearly at the elastic stage, respectively. The macroscopic Poisson’s
ratio (v) was determined by the ratio of the two fitted lines. Then the bulk shear modulus
(G) can be obtained via G=E/(1+v). The lattice strain evolution of four grain families
({111}, {200}, {220}, and {311}) along tensile and side direction at different temperatures
was calculated with Eq. (1) and shown in Fig. 5. The hkl-specific lattice strain also
increased/decreased linearly with stress before yielding and showed varied yield behaviors.
With linear fitting the data at the elastic stage, their slopes determine the hkl-specific
diffraction elastic moduli (E7:1, E200, E220, and E311). The ratio of elastic moduli between
the tensile and side direction determined the Poisson’s ratio of different grain families (vi).
Among all the orientations, E/:7 and E200 show the highest and lowest values, respectively.
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Meanwhile, reducing the temperature can increase the stiffness of the steel. With the
decrease of temperature, the shear modulus and all elastic moduli (except E3;:, which
remained at the same level) of the two steels increased. The Poisson’s ratio showed a
decreasing trend (Table. 3). During the following plastic deformation, the lattice strain
increased non-linearly with the applied stress since the stress gradually transferred from
some stiff orientations, e.g., <220>//LD (loading direction) to some compliant orientations,

e.g., <200>//LD.

I —— Tensile-111 - T- Side-111

—F— Tensile-200 - £- Side-200
12 | —&— Tensile-220 - £~ Side-220
—ii— Tensile-311 - G- Side-311

16

(d) —J—Tensile-111 — {- Side-111
14 | —F—Tensile-200 — F-  Side-200

—&—Tensile-220 — &~ Side-220

12 [ —&—Tensile-311 - &~ Side-311

10 —&— Tensile-222 - - Side-222

— — —&—Tensile-222 - O~ Side-222
i R
3o 2
% 0-Cu, 293 K 1Cu,293K
= 6 =} 1
5, s of
» 7]
@ . @
] = o
-] E 2r L
T e e m e m e — e m _ -0--9 1 o e
5 WERETE TR e R e e |z
=H=aa - =0 - = = - - =@ == C
2lside | v~v,__v§g: :gg:—g_.";- ) 9 %;%=%f;g§:gﬁ oo °§:6¢
! Vg g oA 2| Side i Ry SEERR-R
-4 a s V- ak a s B -
0 200 400 600 800 1000 1200 1400 1600 1800 0 200 400 600 800 1000 1200 1400
True Stress [MPa] True Stress [MPa]
(b) —_— (e) —————
16 —&— Tensile-111 - - Side-111 16 —0— Tensile-111 — J- Side-111
—F— Tensile-200 - ¥7- Side-200 —¥— Tensile-200 - 7~ Side-200
14} —Z— Tensile220 - &- Side-220 14F & Tensile-220 - &i- Side-220
12} —— Tensile-311 — §- Side-311 12b —&— Tensile-311 - T- Side-311
- —&— Tensile-222 - O- Side-222 - —&— Tensile-222 - O- Side-222
'2 10F 2 10F ,
K1 W0-Cu, 173 K L1 W 1-Cu, 173 K
c ! c
‘® 6 - ‘® 6
B 4 - & 4t
@ @
£ 2 S 2 :
] e " == o-0o-0-0 ]
-0 FERRET T Y Y o v 00 L T E $e-0-2-8
; Exg8: 5 2 ) S gBgg-8- o Tk
2 | side | %-;S;g?:g 2| side 1 cEia B g e o
4 ! ToFg g, al : v E L a Al
Ty Gy - w5
6 N . N N N N . N N & N N N N N L N N
0 200 400 600 800 1000 1200 1400 1600 1800 0 200 400 600 300 1000 1200 1400 1600 41800
True Stress [MPa] True Stress [MPa]
¢) » p—————r f 22—
( ) 20 | — & Tensile-111 - £~ Side-111 ( ) 20 —&— Tensile-111 - - Side-111
—F— Tensile-200 - ¥~ Side-200 —F— Tensile-200 - ¥ Side-200
18 [ —F— Tensile-220 - 5~ Side-220 18 [ —5— Tensile-220 - - Side-220
16 [ —#— Tensile-311 — &~ Side-311 16 | —#— Tensile-311 - G- Side-311
sk —&— Tensile-222 - T- Side-222 S 1ab —&— Tensile222 - ©- Side-222
21z} 212}
LTI N0-Cu, 77 KK X 10
£ st H £
g @ e g8
@ o Sl & 5[
@ 4 - g w 4
2 A o 2
£ 2 o g2
a4 0gEs W - a4 0z
9$ %a ¢ -5 .,
2l sia Shana il SMEF B 2
4| Side | 8835 4
6 O.J'.s‘ 5[
-8 -8
0 200 400 600 800 10001200 1400 1600 1800 2000 2200 0 200 400 €00 800 100012001400 16001800 2000 2200
True Stress [MPa] True Stress [MPa]

Fig. 5 Lattice strain evolution of five crystallographic planes ({111}, {200}, {220}, {311}, and
{222}) of two TWIP steels (0-Cu and 1-Cu) during deforming at different temperatures: (a) 0-Cu,
293 K; (b) 0-Cu, 173 K; (¢) 0-Cu 77 K; (d) 1-Cu, 293 K; (e) 1-Cu, 173 K; (f) 1-Cu, 77 K.

15



Fig. 6 shows the elastic moduli of grains with different orientations plotted as a function
of the elastic anisotropy factor and the fitted lines with the Voigt, Reuss, and Kroner models
at 293 K. The details of the calculation can be found at Ref. [33]. The fitting results indicate
that the self-consistent Kroner model has the best agreement with the experimental results
as compared with the Voigt and Reuss model. According to Refs. [34], these two
theoretical models were generally used to estimate the upper and lower bounds of the
diffraction and macroscopic elastic moduli as they only assume all grains are subjected to
a homogeneous strain (Voigt) or stress (Reuss) but failed to meet the equilibrium (Voigt)
and continuity (Reuss) at grain boundaries during loading. The hkl-specific diffraction
elastic moduli obtained from neutron diffraction were used to determine the single-crystal
elastic constants (Ciz, Ci2, and Css) with the Kroner’s model at different temperatures
(Table. 3). The result shows that 1-Cu steel has higher C;; than that of 0-Cu steel at the
three temperatures, but there is no significant difference in C;2 and Css between the two
compositions. The single-crystal elastic constants were used for SFE (Section 3.4) and

dislocation density calculations (Section 3.5).

Table 3 Multiple properties of the 0-Cu and 1-Cu steel at 293, 173, and 77 K

Steel 0-Cu 1-Cu
Temperature [K] 293 173 77 293 173 77
a[A] 3.615 3.611 3.610 3.616 3.612 3.611
E [GPa] 191.3 192.1 1934 1915 191.1 193.6

E;1;[GPa] 280.1 282.5 2835 259.1 272.6 2793
E200[GPa] 126.4 129.0 1332 135.1 136.7 1385
E>20[GPa] 202.0 202.8 2082 207.6 203.4 2053
E311[GPa] 1572 1562 156.7 152.1 156.0 156.6

G [GPa] 73.35 7545 77.17 7557 76.20 78.76
v 0.304 0.273 0.253 0.267 0.254 0.229

Vil 0.231 0.225 0.223 0.241 0.226 0.215
V200 0375 0.368 0375 0371 0380 0.367
V220 0.295 0.312 0300 0.336 0337 0.332
Vit 0.329 0.306 0305 0.325 0321 0.323
C11 [GPa] 223 227 231 240 243 250
Ci12[GPa] 170 172 175 182 186 190
Cyq [GPa] 129 132 132 128 128 134
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Fig. 6 Plots of the reciprocal diffraction moduli (//Ex and v/Ey) of differently oriented crystals as a
function of the elastic anisotropy factor ( 4,,, = (}12k2 + PP+ T ) / (h2 +i2 4+ )2 ) and the fitting results
based on Kroner, Voigt, and Reuss model of the (a) 0-Cu and (b) 1-Cu steel at 293 K.

3.4 SFE evolution

The lattice strain of {111} and {222} grain families increased with strain but a growing
split between them was observed (Fig. 7). This is a signature of the formation of stacking
faults, which causes extra strain and separates lattice strain curves from different orders of
Miller indices [15]. Stacking fault probability (SFP), a parameter that measures the amount
of formed stacking faults, can thus be determined by measuring the separating distance
between the lattice strain curves from two consecutive grain planes. The detailed
calculation procedure can be found at Refs. [4,11]. In Fig. 7, the lattice strain evolution of
{111} and {222} grain families and the calculated SFP of the two steels were plotted
against true strain at different temperatures. At the low strain regime, the SFP fluctuates at
around 0 and the negative value was caused by the small errors introduced during peak
fitting. SFP increases almost linearly with true strain and a linear function was applied to

depict the stacking fault multiplication during straining. After linear fitting, the slopes

(OSFP/d¢ ) of these lines define the speed of stacking faults production (Fig. 7) [4]. The
low temperature can effectively promote the SF formation and increase 0SFP/d¢ . The
OSFP[d¢ of the 0-Cu steel is 4.63 x 107 at 293 K and almost linearly increased to 8.41 x

102 at 77 K (Fig. 8). The 1-Cu steel showed a very similar pattern but with a lower increase

rate, which is 3.39 x 102 at 293 K and 7.0 x 102 at 77 K.
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The SFE can then be calculated based on the SFP and details can be found at Refs. [4,11].
It is worth noting that when SFE becomes negative and the balance between SFE and the
elastic repulsive force between partial dislocations breaks down, the traditional
experimental measurement of the SFE is no longer suitable [35]. The evolution of

OSFP/d¢ and measured SFE were plotted as a function of deformation temperature in Fig.

8. For the 0-Cu steel, its SFE started from 26.8+0.5 mJm™ at 293 K and almost linearly
decreased to 15.5+1.7 mJm? at 77 K. The 1-Cu steel showed a higher level of SFE
(33.8+£1.8 mIm™? at 293 K, and 20.7+0.7 mJm™ at 77 K), ~5-7 mJm higher than that of
the 0-Cu steel within the whole temperature range. The slopes of the SFE-temperature
curves also showed a very close value with 0.056+0.006 mJmK"! for the 0-Cu steel and
0.059+0.008 mJm2K"! for the 1-Cu steel. The values are also very close to 0.061 mJm2K"
"in the Fe-24Mn-4Cr-1Cu-0.5C steel reported in Ref. [4]. According to the SFE-
deformation mechanism map overlapped in Fig. 8, the SFE of the 0-Cu steel stayed at the
twinning-dominant region at ~125-373 K, while it dropped to the phase transformation
region at 77 K. The SFE of the 1-Cu steel showed similar temperature dependence but it
remained at the twinning zone at the three tested temperatures. This indicates the transition

of the dominant deformation mechanism, which agrees well with the diffraction results

shown in Fig. 4, where observable diffraction peaks of (IOTI) of HCP phase were formed

when deforming the 0-Cu steel at 77 K, while only trace amount of HCP phase were formed

in the 1-Cu steel at 77 K.
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Fig. 7 Lattice strain evolution of {111} and {222} grain planes along tensile and side direction
and the corresponding stacking fault probability change of the two TWIP steels during deforming
at different deformation temperatures: (a) 0-Cu, 293 K; (b) 0-Cu, 173 K; (¢) 0-Cu 77 K; (d) 1-Cu,

293 K; (e) 1-Cu, 173 K; (f) 1-Cu, 77 K.
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Fig. 8 Temperature dependence of stacking fault probability (SFP) and stacking fault energy
(SFE) of the two TWIP steels (measured with neutron diffraction patterns).

Besides, the measured SFE shows an acceptable match with the thermodynamical
prediction (Table. 4). The disparity between the two SFE-determination methods is
relatively small (~2 mJm) except for the results of the 1-Cu steel at 293 K (~5 mJm™).
The difference between theoretical calculation and experimental measurement can be
originated from that the SFE can be influenced by several factors (e.g., strain rate [S] and
grain size [36]). These factors, however, were not considered in the thermodynamical

modeling.

Table. 4 Temperature-dependent SFE of the 0-Cu and 1-Cu steels determined with thermodynamics and
neutron diffraction

Steels Temperature SFE [mJm™?] SFE [mJm?]
[K] (Neutron Diffraction) (Thermodynamics)
293 26.8+0.5 26.4

0-Cu 173 19.3+1.1 20.3
77 15.5+1.7 16.6
293 33.8£2.2 28.8

1-Cu 173 25.24+1.2 23.0
77 20.7+0.7 19.2

3.5 Dislocation density calculation

To analyze the strengthening contribution of forest hardening effects, it is necessary to
quantitatively determine the evolution of dislocation density during straining. The
dislocation density was calculated with the neutron diffraction patterns based on the
modified Williamson-Hall model [37]. The detailed calculation process can be found in

Ref. [4]. The dislocation density evolution of the two steels at 293, 173, and 77 K was
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plotted with respect to true strain in Fig. 9. As shown in Fig. 9a, at three deformation
temperatures, the dislocation density of the two steels was ~7 x 10'* m, and it increased
almost linearly with the increase of true strain after yielding. The decrease of deformation
temperature accelerated dislocation accumulation: at a true strain of 0.5, the dislocation
density at 293 K reached ~1.00 x 10'* m and it increased to ~1.52 x 10> m? at 173 K

and ~2.41 x 10> m™ at 77 K. Similar phenomena was also observed in the 1-Cu steel.

The varied increasing speeds of dislocation density of the two steels originate from the
varied SFE and deformation temperature. The increased dislocation density is the
concurrent result of dislocation generation and dynamic recovery [38]. Due to the low SFE,
the perfect dislocations tend to slip on parallel slip planes or dissociate into two Shockley
partials with stacking faults existing in between. Dense planar dislocation arrays and
stacking faults on parallel {111} slip planes are thus highly expected. These
microstructures can serve as effective dislocation barriers and contribute dislocation
accumulation. On the other hand, the dynamic recovery can also be impeded by the
decrease of temperature. When the temperature decreases to below 0.3 T\ (7Tm: melting
temperature), the dynamic recovery mainly relies on dislocation cross slip [39]. The
decrease of temperature can impede cross slip of dislocation by reducing the thermal
activation and creating more extended dislocation cores. [36]. Hence, the growth speeds of

dislocation density increased as the deformation temperature was decreased.
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Fig. 9 The evolution of dislocation density of the two high Mn alloys during deforming at 293,
173, and 77 K: (a) 0-Cu and (b) 1-Cu steel.

3.6 Microscopic characterization

To reveal the relationship among the chemical composition, temperature, and deformation
mechanisms, the microstructure of the two steels after deforming to different strains at 293
and 77 K were characterized with TEM. Fig. 10a and 10b show the typical bright-field
TEM micrograph of the 0-Cu steel deformed to a true strain of ~0.3 at 293 K. The
corresponding selected area diffraction pattern (SAED) was inserted in Fig. 10a. After
deformation, high density of dislocations and closely packed structures, which were
identified as nano-sized primary twins accompanied with thin HCP plates (identified with
SAED), were produced (Fig. 10a and 10b). The HRTEM image in Fig. 10c revealed that
the twins and HCP plates were closely located and accompanied with active formation of
stacking faults. These well-defined twins and HCP clusters penetrated the grain interior
and subgrains, leading to the continuous segmentation of grains. The mean free path of
dislocations was reduced effectively and high density of dislocations (Fig. 10b) were

trapped among them, thus providing significant strain hardening effects (so-called

“dynamic Hall-Petch effect”) [4].

As shown in Fig. 10d, the introduction of new interfaces (i.e., TBs) and similar dislocation-

twin interaction were also observed in the deformed 1-Cu steel at 293 K (Fig. 10d). The

twinning activity of the 1-Cu steel is more active than that of 0-Cu steel as both primary

and secondary twin system were observed (Fig. 10e). The two intersecting twin systems

introduced a higher density of TBs, forming a hierarchical twin substructure. The structure

of the hierarchical twin system was further revealed via HRTEM in Fig. 10f. The primary
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twins were typically arranged in the form of parallel bundles and their boundaries consist
of stacking faults. The secondary twins formed from closely packed stacking faults
intersecting with the primary twin. Apart from the crossing twinning networks, the active
formation and following reaction of stacking faults, e.g., Lomer-Cottrell (L-C) locks, were

also observed during the plastic straining.

The formation of twins, martensitic phase transformation, and L-C locks are closely related
to the activity of stacking faults. Due to the low SFE of the steel, the dissociation of perfect

dislocations can easily occur on two 60° inter-crossing crystallographic planes of (111) and

(111), where numerous closely-packed stacking faults can be observed [40]. Twins can
be formed by the glide of %<1 1§> -type Shockley partial dislocations on consecutive (111)

planes of the FCC matrix. When partial dislocation glide on every second (111) plane, the
parent FCC phases with stacking sequence of ...ABCABC... will transfer into HCP phases
with ...ACACAC... stacking sequence. Continuously produced partial dislocations on
surrounding (111) planes can thicken the twins or HCP plates. Meanwhile, after the
dissociation of perfect dislocations, the reaction of two leading partial dislocations from
different slip systems can further lead to a high formation probability of a stair-rod
dislocation via [41]:
%<2TT> +%<T21> = %<1 10) (14)

, the Burgers vector of stair-rod dislocation is perpendicular to the dislocation line and does
not locate at the two {111} planes, making them sessile and hard to glide. These stair-rod
dislocations are known as Lomer-Cottrell locks (marked with arrows in Fig. 10f) [42]. It is
indicated that L-C locks play an important role in the strain hardening of FCC alloys [43].
The L-C locks show a high capability of accumulating dislocations as four dislocation
segments can be pinned by each L-C lock. As the L-C locks are usually very short in length
and can equivalently act as pinning points, the strengthening effects of L-C locks are very
similar to Orowan’s strengthening based on the orientation-dependent line tension model
[44]. Meanwhile, the L-C locks can also become unlocked after interacting with traveling

dislocations driven by external stress [45].
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Fig. 10 Microstructure of the 0-Cu and 1-Cu steel deformed to true strain of ~0.3 at 293 K: (a)
typical bright-field TEM image and corresponding selected area diffraction (SAED) pattern, 0-
Cu; (b) higher magnification of (a); (c) HRTEM image of the rectangle area in (b); (d) typical
bright-field image, 1-Cu; (e) higher magnification of (d); (f) HRTEM image of the rectangle area
in (e).

The microstructure of the two steels deformed to similar strain levels of ~0.15 and ~0.3 at
77 K was compared in Fig. 11. Fig. 11a and 11b show the high density of mechanical twins
formed in the 0-Cu and 1-Cu steels deformed to a true strain of ~0.15, respectively. Fig.
11c presents the HAADF image of the 0-Cu steel at a true strain of ~0.3, showing that the
parent FCC matrix were transferred HCP plates. The HCP plates can be identified with the
SAED pattern inserted in Fig. 1le, where HCP plates were entangled with dense
dislocations. The martensite transformation can be ascribed to the lowered SFE caused by
temperature decreasing, motivating the overlapping of the stacking faults on every other
{111} plane [46]. The microstructure of the newborn HCP plates (the yellow square area
in Fig. 11e) was revealed by HRTEM in Fig. 11g. It shows that the HCP phase exist in the
form of parallel thin plates, separated by one or two stacking faults. This indicates that with
the decrease of temperature (from 293 to 77 K) and SFE (from 26.8+0.5 to 15.5+1.7 mJm"

2), the martensite phase transformation gradually became the main deformation mechanism
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of the 0-Cu steel. This result is in good accordance with the neutron diffraction results in

Fig. 4 and SFE-deformation mechanism map in Fig. 8.

The deformation microstructure of the 1-Cu steel (at a true strain of ~0.3, 77 K) was
revealed with HAADF image in Fig. 11d and bright-field TEM image in Fig. 11f. As the
deformation temperature decreased to 77 K, the density of the hierarchy twin structure
increased significantly compared to that at 293 K (Fig. 10). The abundance of primary and
secondary twins introduced a much higher density of interfaces than that at 293 K, leading
to more significant segmentation of the grains into ultrafine microstructural entities. The
square frame area in Fig. 11f was further analyzed with HRTEM in Fig. 11h. It is a
nanotwin-HCP structure consisting of two parallel twins with thin HCP plates located at
their boundaries. The TBs can serve as preferable nucleation sites for HCP plates [47]. The
extended dissociated dislocations can react with coherent TBs: the leading partial
dislocation can decompose into a stair-rod partial and a glissile partial along the boundaries,
forming a favorable site for the HCP formation [47]. The HCP phase has a very narrow

width (~2 nm) and a low volume fraction at ~0.3 true strain, which may explain that only

a very weak diffraction peak of 8—(10T1) was detected in the neutron diffraction spectra

(Fig. 4). Besides, a high density of stacking faults was also observed among the FCC matrix.
This indicates that twinning is still the main deformation mechanism of the 1-Cu steel at
77 K as only a very trace amount of HCP phases can be identified. The decrease of
deformation temperature from 293 to 77 K largely promoted the formation of (primary and

secondary) twins, thus providing a higher strain hardening effect.
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Fig. 11 The microstructure of the 0-Cu and 1-Cu steel deformed to different strain levels at 77 K: (a) and

(b) typical bright-field TEM image of the 0-Cu and 1-Cu steel with a strain of ~0.15, respectively; (c) and

(d) HAADF image of the 0-Cu and 1-Cu steel with a strain of ~0.3, respectively; (e) bright-field image of

the 0-Cu and 1-Cu steel with a strain of ~0.3, respectively; (g) HRTEM image of the yellow square area in
(e); (h) HRTEM image of the yellow square area in (f).
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Therefore, the deformation behaviors of the two steels at 77 K can be summarized and
schematically illustrated in Fig. 12. Originally, both steels showed low dislocation density
and a high fraction of annealing twins distributed within the grain interiors. For the 0-Cu
steel, dislocation multiplication/gliding, the primary twinning, and slight phase
transformation dominated the strain hardening behavior at low strain levels. This originates
from its low SFE locates very close to the twinning/phase transformation boundary (Fig.
8). The low SFE can decrease the critical stress for activating TWIP and TRIP effects [48].
While at high strains, in addition to the continuous increase of dislocation density, the
formation and following growth of twins and HCP plates became the main deformation
mechanisms, playing an important role in withstanding external stress and providing larger
ductility. For the 1-Cu steel, it produced a high density of twins, stacking faults,
dislocations, and L-C locks at low strains. The following deformation promoted the
formation and growth of primary/secondary twins, forming three-dimensional hierarchical

twinning systems and trapping dense dislocations in the intra-twin zones.
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Fig. 12 Schematic sketches illustrating the sequence of micro-processes in the 0-Cu and
1-Cu steel during deforming at 77 K.
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4. Discussion

The neutron diffraction and post-mortem TEM characterization indicate that the
deformation behavior of the 0-Cu steel is a mixture of dislocation multiplication, twinning
(at low strain levels), and phase transformation (at high strain levels). But for the 1-Cu steel,
which has an overall higher SFE than the 0-Cu steel, dislocation motion and twinning are
the dominant deformation mechanism during the whole plastic stage. Therefore, the total
flow stress (o, ) of the two TWIP steels should combine the contributions of the yield

stress (o, ) and an incremental strain hardening effects (o, ) during plastic deformation

[49]:
O-ﬂow = O-y + O-sh (15)

First, we address the first term on the right, o, . According to Ref. [49], the yield stress is

a combination of various strengthening effects:

. 0
0,=0,+0,+0, +0, (16)

, where o P is the lattice friction stress, i.e., intrinsic lattice resistance and the solid solution
strengthening effects, o, represents the precipitation hardening, o, is the forest
hardening effects due to the initial dislocation density of the virgin samples, o, is the

grain boundary hardening. For the two steels used in the present study, the o, can be

eliminated since no precipitates were observed, at least from the neutron diffraction spectra
(Fig. 4) and TEM observation (Fig. 10 and Fig. 11). According to Ref. [50], the forest

strengthening effect of dislocations can be calculated with the Taylor equation:
0, =MaGbp'?, (17)

where M=3.06 is the Taylor factor, 0=0.26 is a constant for scaling the interaction strength
between dislocations [51,52]. According to the neutron diffraction results, the dislocation
density of the two as-fabricated steels was about 7 x 10'3 m™, contributing ~106 MPa to
the YS. The hardening effects of grain boundaries can be well described with the Hall-

Petch equation [53]:
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G(T) _
O Z,/mlgbd 2, (18)

where the Hall-Petch coefficient (Kg») of 0.357 MPa-m®> was used according to Refs.
[4,54], G(T) and G(RT) are the shear modulus at a given temperature and room temperature,
respectively. Based on the average grain size of 14.5 = 1.3 um, the grain boundaries
contributed ~95 MPa to the yield stress. Therefore, the lattice friction stress of the two
steels can be calculated with Eq. (16). As shown in Fig. 13a, with the decrease of
deformation temperature, the lattice friction stress of the two steels can increase almost
linearly with very similar slopes (1.651 MPa-K™! for 0-Cu steel and 1.717 MPa'K"! for 1-
Cu steel). It is worth noting that the 1-Cu steel shows overall higher (~90 MPa) lattice
friction stress than the 0-Cu steel at all three temperatures. This can be ascribed to the

stronger solid solution strengthening effects brought from Cu addition [18,20,55].
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Fig. 13 Strengthening effects analysis of the 0-Cu and 1-Cu steel during deforming at 77 K: (a)
the lattice friction stress evolution plotted as a function of temperature; (b) the evolution of
strengthening contribution of TWIP of the 1-Cu steel and TWIP+TRIP of the 0-Cu steel with
respect to true strain; (¢) and (d) the respective contribution of multiple strengthening
mechanisms to the total flow stress of the 0-Cu and 1-Cu steel, respectively.
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Next, we address the strengthening effects during plastic deformation. According to Refs.
[4,49], several strengthening effects including (1) dislocation multiplication, (2) twinning,

and (3) martensite phase transformation ( o, ) can collaboratively contribute to the

incremental stress at the plastic stage:
O-sh = Gal’;'s + O-tw + O-tr (19)

, where o/ is the strengthening contribution from the dislocations produced during
straining. Combining Eq. (15), (16), and (19), the contribution from twinning ( o, ) and/or

phase transformation ( o, ) can be calculated with:
O-tw + O-tr =0~ O-gb - O-fr - O-dis' (20)

For the 1-Cu steel, a trace amount of the transformed e-martensite phase has been identified
(not detectable via neutron diffraction) and preferably exists with a very wide spacing
distance and thin thickness (<5 nm) (Fig. 5 and Fig. 12f). These stand-alone HCP plates
have a very limited ability to impede dislocation motions and produce strengthening effects
[4]. The contribution from martensite phase transformation is thus neglected for the 1-Cu
steel. However, when deforming the 0-Cu steel at 77 K, strain-induced hard HCP plates
serve as an additional strengthening source, which can introduce extra FCC/HCP interfaces
with high-stress concentration and reduce the mean free path of dislocation motions [56].
Therefore, a synergistic strengthening effect of TWIP and TRIP was considered in
deforming the 0-Cu steel at 77 K. The evolution of volume fraction of HCP phases of the
0-Cu steel and strengthening contribution of the TWIP effect (for the 1-Cu steel) and
TWIP+TRIP effect (for the 0-Cu steel) at 77 K were plotted as a function of true strain in
Fig. 13b. Starting from a very low level (~50 MPa), the two curves increased linearly with
true strain and were almost overlapped before strain reaching 0.12 and the volume fraction
of HCP martensite reaching ~5.2% (separation point). This indicates the strengthening
effects of HCP plates is negligible with a limited volume fraction (lower than 5.2%), where
most of them were distributed distantly or along with TBs. The two curves then gradually

separated, and the difference became wider with the increase of strain. At the true strain of
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~0.5, extensive TBs contributed ~810 MPa in 1-Cu steel, while the twin and HCP-
martensite/austenite interfaces in 0-Cu steel provided ~940 MPa to the total flow stress.
This indicates that the abundance of HCP phases in the 0-Cu steel can provide more
significant strain hardening effects than hierarchy twin networks produced in the 1-Cu steel.

The strengthening contribution from different resources were plotted with the true stress-

strain curves in Fig. 13¢ (0-Cu) and 13d (1-Cu).

According to our SHR results in Fig. 2, both twinning and martensite phase transformation
can provide steady and significant strengthening effects and improve the ductility of the
steels. But they may influence the mechanical performance differently. On one hand, the
abundance of strain-induced TBs can provide continuous strain hardening effects by
penetrating the grain interior, forming dense three-dimensional networks, and subdividing
the grains into nano-scaled substructures. The dislocation-twin, dislocation-dislocation,
and twin-twin interactions were significantly promoted, thus offering substantial work-
hardening effects. Due to the segmentation of the grains, the strengthening effects of TBs
are generally considered analogous to grain boundaries. The twin spacing dependent

strengthening effect is thus represented similar to the classical Hall-Petch relation [57]:

O :kTB/\/;’ (21)

where ¢ s the average twin spacing and ks is a constant. Meanwhile, due to the inhabitation
of TBs to dislocations, high-density orderly arranged interfacial dislocation can be
observed along with TBs. The dynamic recovery of dislocations can be effectively reduced
by dense hierarchical twin networks [58]. This may explain the higher dislocation density

when deforming at lower temperatures (Fig. 9).

On the other hand, twinning can also improve the plasticity of the 1-Cu steel. TBs can be
penetrated by dislocations with decreasing the twin lamella thickness and higher external
stress [57], allowing further dislocation motion and providing larger plasticity. For the
present study, the strain-induced TBs, especially the secondary twins, has a very narrow
width (less than ~5 nm, Fig. 10 and 11), which may relieve the stress concentration along
with TBs and reduce the strain hardening effect. Furthermore, the softening effect of

twinning originates from its role as an effective and supportive deformation mechanism.
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TBs can serve as adequate pathways for easy glide and cross-slip of dislocations, enabling
the alloy to accommodate extensive plastic deformation at high strain levels and postpone

necking [59].

Similarly, the transformation from FCC to HCP plates is expected to produce a significant
strengthening effect. The strengthening effects of strain-induced HCP plates are based on
continuous segregating grains by introducing extra phase-matrix interfaces, where
dislocations pile up can be significantly promoted after active dislocation motions. This
can create significant back stresses, which are capable of reducing the mobility of
dislocations, dynamic recovery, and thus improving work hardening rate [60]. Unlike the
thin twins, the HCP plates serve as stronger dislocation barriers due to either <c> or <c+a>
dislocations are needed for passing edge dislocations into the HCP phase, and the critical
resolved shear stress of motivating these dislocations are very high [61]. More importantly,
the HCP plates can also create very strong barriers for twinning on impinging slip systems,
and motivating intragranular rotations [47]. On the other hand, the high density of HCP
plates also deteriorate the ductility of the 0-Cu steel due to the stress concentration at

HCP/TB or HCP/FCC interfaces is too high and induce the quasi-cleavage fracture [22].

The strengthening effects of dislocation and faulted structures (TWIP and TRIP) were
plotted as a function of true strain in Fig. 14a and b, respectively. When deforming the 0-
Cu steel to a true strain of ~0.5, the strengthening contribution from dislocation (o, )
increased from ~493 MPa at 293 K to ~690 MPa at 77 K. Meanwhile, the contribution
from the faulted structures (o, ) was ~780 MPa at 293 K (from TWIP), which increased

to ~940 MPa at 77 K (from TWIP and TRIP). While the strengthening effect is less

significant in the 1-Cu steel at a similar strain level: o, was~470 MPa at 293 K and ~770
MPa at 77 K while o, was ~640 MPa at 293 K and 810 MPa at 77 K. The hardening

effects showed an almost linear increase with true strain. After linear fitting, their slopes

were defined as the dislocation-induced ( do,, /0¢ ) and faulted structures-induced
(0o / O¢ ) hardening rates, respectively. This indicates that the high strengthening effects

can be ascribed to concurrent strengthening effects from dislocation, TWIP, and TRIP,

which can be enhanced with the decrease of deformation temperature and SFE. The
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influence of temperature on the hardening rates of the three steels, the 0-Cu, 0.5-Cu [4],

and 1-Cu steel, was also illustrated in Fig. 14c. This indicates that both o, /0¢ and
00 / O¢ increased almost linearly with temperature decreasing. Their relationship can thus

be described as:

ol
= (22)
ogoT
0
_mf[s = & (23)
: oeoT

, where the m, and m  are the slopes of the hardening rate-temperature curves of the

dislocation and faulted structures, respectively. After linear fitting, m, of the three high

Mn steels maintained at a very similar level of ~2.0 MPa-K-!. The 1-Cu and 0.5-Cu steels
have m = ~1.1 MPa-K"', lower than that of the 0-Cu steel, m , = 1.89 MPa-K"'. This is

due to the synergistic hardening effects of TWIP and TRIP of the 0-Cu steel at 77 K.
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5. Conclusions

The role of Cu alloying and deformation temperature in tailoring stacking fault energy,
deformation mechanisms, and mechanical performance of two high Mn steels at the low-
temperature range (from 293 to 77 K) were investigated with in situ neutron diffraction
tensile tests and correlated post-mortem microscopic characterization. The investigation

leads to the following conclusions:

(1) The tensile strength increased steadily with temperature decreasing. At 293 K, the YS
and UTS of the 0-Cu steel are 336 MPa and 930 MPa, respectively, while the 1-Cu steel
showed a higher YS of 429 MPa but lower UTS of 876 MPa. At 77 K, the 0-Cu steel
showed a high YS of 700 MPa and UTS of 1358 MPa while the corresponding data of the
1-Cu steel can reach 793 MPa and 1323 MPa. Meanwhile, the large elongation was
maintained even at 77 K with uniform elongation of ~0.68 and ~0.64 for the 0-Cu and 1-

Cu steel, respectively.

(2) Cu alloying serves as an effectively method in tailoring SFE and deformation
mechanisms at low temperatures. The stacking fault energy of the two steels was
determined with both thermodynamical modeling and neutron diffraction measurements.
The results show that the SFE increased with Cu addition and decreased linearly with the
drop of temperature (with a slope of ~0.06 mJm?K™"). The SFE of the 0-Cu steel decreased
from 26.8+0.5 mJm™ at 293 K to 15.5+1.7 mJm™ at 77 K. The dominant deformation
mechanism of the 0-Cu steel switched from twinning (at 293 and 173 K) to martensite
phase transformation (at 77 K). The 1wt.% Cu addition enhanced the SFE with ~5 mJm™2,

making twinning the main deformation mechanism for the 1-Cu steel.

(3) The lattice friction stress was increased by decreasing temperature and Cu alloying.
The 1wt.% of Cu addition can enhance ~82 MPa of the lattice friction stress. Starting from
135 MPa (0-Cu) and 215 MPa (1-Cu), the lattice friction stress increased linearly with the
temperature dropping with a slope of 1.651 MPa'K™! for the 0-Cu steel and 1.761 MPa'K'!
for the 1-Cu steel.

(4) The dislocation density of the two steels was calculated with the modified Williamson-
Hall method. The dislocation density was at around 7 x 10'* m before deformation. The
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dislocation density increased almost linearly with strain after yielding. Its increase rate was
higher at lower deformation temperatures. The deformed 0-Cu steel showed a higher level
of dislocation density than the 1-Cu alloy. When deforming at 77 K to a true strain of ~0.5,
the highest dislocation density of both steels was achieved (~2.5 x 10'> m™ for the 0-Cu
steel and ~2.0 x 10> m? for the 1-Cu steel).

(5) The strengthening effects of both dislocation and faulted structures (twins and
martensite) are significant and increase as the temperature/SFE decreased. For the 0-Cu
steel deformed to a true strain of ~0.5, dislocation contributed ~470 MPa at 293 K and
~730 MPa at 77 K, while the faulted structures contributed ~770 MPa at 293 K from TWIP
only, which increased to ~940 MPa at 77 K from both TWIP and TRIP effects.
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